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Evolution of mechanical properties of SiC under helium implantation
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Abstract

Mechanical property changes of 4H–SiC implanted at room temperature with helium ions at fluences ranging from 7 · 1015 to
1 · 1017 cm�2 and at an ion energy of 50 keV were investigated by using nano-indentation tests and subsequent atomic force microscopy
investigations. Degradation of the mechanical properties of the near-surface due to helium implantation was analysed and correlated
with the microstructure evolution examined through transmission electron microscopy cross-section and X-ray diffraction experiments.
Up to 1 · 1016 He+ cm�2 no significant change in mechanical properties is seen whereas a normal strain profile of few percents is
generated all along the ion path. Nevertheless, the as-created implantation damage enhance the dislocation nucleation. At intermediate
fluences, when a buried amorphous layer is created, the hardness curve against penetration depth can be divided into three stages show-
ing ‘constraining coating’ effects. When the entire part of the implanted crystal is amorphous a decrease of about 50% is measured for
hardness value.
� 2007 Elsevier B.V. All rights reserved.
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1. Introduction

Under irradiation, materials undergo changes in their
structure which in turn affect their mechanical, chemical,
or physical properties. In particular, materials used in
nuclear technology suffer from degradation to neutron irra-
diation. Silicon carbide (SiC) fiber-reinforced SiC-matrix
composites (SiC/SiC composites) are being considered for
structural components in future fusion reactor blankets
[1–4]. Displacement damage and transmutation products
such as helium (He) will be produced in these composites
during high energy neutron irradiation. Helium is found
to be the largest product in neutron-irradiated SiC and
because of its limited diffusivity in SiC may cause significant
swelling and/or stress in the material; the helium production
being highly dependent on the neutron energy spectrum [1].
Consequently, studies have been carried out on damage
accumulation [5,6] and on the changes in mechanical prop-
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erties of irradiated SiC with neutrons [6–8] and various ions
[9,10]. In general both the hardness and the elastic modulus
are found to decrease with increasing fluence. After a full
amorphization under neutron irradiation of single crystal-
line 6H–SiC a strong decrease of 45% in hardness and elas-
tic modulus has been reported [6]. The same trend has been
observed in CVD SiC [7]. There have been also some studies
on the effects of helium on the microstructural and mechan-
ical properties changes of SiC/SiC composites [11–15]. A
small decrease of the bend strength [11] and a brittle behav-
iour [16] were reported after high temperature implantation
but a large increase in strength and a decrease in elastic
modulus were also observed after neutron irradiation on
helium pre-injected SiC grown by chemical vapor deposi-
tion [17]. In B-containing SiC, the formation and growth
of He bubbles at grain boundaries were studied together
with their effects on mechanical properties [18]. Thus, it
appears difficult to accurately quantify the changes on
mechanical properties of the different structures involved.

The physical properties of SiC make it also a promising
material for advanced semiconductor electronic device
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applications where conventional silicon-based electronics
cannot be operative. The fundamental residual implanta-
tion damage and its influence on the mechanical properties
is necessary to advance in semi-conductor technological
applications. The study of helium implantation into SiC
takes also part of research on the SiCOI (silicon carbide-
on-insulator) thin films by the smart cut process.

In this paper, we report initial findings from an investi-
gation of the mechanical property changes induced by
room temperature helium implantation into 4H–SiC single
crystal. The effect of helium-implantation on the mechani-
cal properties of SiC is discussed with regard to the
microstructure evolution. Additional information on
deformation mechanisms have been achieved by the exam-
ination of the indent imprint.
Fig. 1. Schematic ‘phase diagram’ illustrating the changes in the micro-
structure of implanted SiC sample as a function of helium fluence (50 keV,
RT). The thick line plotted from the TEM micrographs represents the
amorphous–crystalline transition (a/c). The dotted line that represents the
transition between the strained SiC and the bulk, has been deduced both
from the strain profile obtained by simulation curves of the XRD curves
and from TEM micrographs.
2. Materials and experimental procedure

The n-type (0001)Si 4H–SiC single crystals (8� off-axis
towards the [1120] direction, 400 lm thick) used in this
study were supplied by Cree Research Incorporation.
Implantations with 50 keV He+ ions were done at room
temperature with a current density of about 4 lA cm�2 in
a fluence range from 7·1015 up to 1·1017 cm�2. SRIM cal-
culations [19] predict a projected range Rp of 270 nm and a
straggling range dRp of 60 nm; these calculations were done
using threshold displacement energies of 35 and 22 eV for
Si and C sublattices [20]. The peak helium concentration
is ranging from 0.4 to 8 at.% for a deposited energy density
from 1 · 1021 to 20 · 1021 keV cm�3. These values are
higher than the threshold values for the formation of obser-
vable bubbles for implantation at room temperature and
subsequent annealing [21].

Nanoindentation experiments were performed at room
temperature with a nanohardness tester (NHT) from
CSM instrument (Switzerland) equipped with a diamond
Berkovich indenter (triangular based pyramid). The real
shape of the indenter was calibrated by the classical
method consisting in indenting a fused silica sample at dif-
ferent loads. Assuming that value of the silica Young’s
modulus is 72 GPa, the contact area between the indenter
and the surface is determined as a function of the true pen-
etration depth. The following equation [22]:

AcðhcÞ ¼ 21:75h2
c þ 1480hc � 2489h1=2

c þ 6943h1=4
c

fits well the experimental curve for true penetration depths
as small as 10 nm. The calibrated shape of the indenter has
been also confirmed by direct observations of the Berko-
vich indenter by AFM. In the following, hm stands for
the maximum penetration depth under maximum load
and hp for the residual penetration depth. For each sample,
multi cycle experiments were performed (multiple loading/
partial unloading with increasing load) to determine the
hardness as a function of the maximum penetration depth,
hm. Each experiment was repeated ten times, to provide a
mean value for each penetration depth. The unloading
curves were analysed by the Woirgard’s method [23] to
determine the hardness values.

Atomic force microscopy (AFM) observations were per-
formed with a Dimension 3100 microscope from Veeco
(US) in tapping mode. The images were analysed with
the WSxM software from Nanotech electronica (Spain)
[24].

The microstructure of the implanted samples was inves-
tigated using a JEOL-200CX operating at 200 kV. X-ray
diffraction (XRD) measurements were conducted in the
Bragg (reflection) geometry on an automated laboratory-
made two circles goniometer with the Cu Ka1 radiation
(k = 1.5405 Å) provided by a 5 kW RIGAKU RU-200
generator. Previous studies have shown that the strain
induced by light ions implantations in SiC is strongly local-
ized along the direction perpendicular to the implanted sur-
face [25]. More details of the XRD setup and of the normal
strain determination, ðDd=dÞN, have been given elsewhere
[26].
3. Experimental results and discussion

3.1. Changes in the microstructure

Fig. 1 summarizes in the form of a ‘phase diagram’ the
behavior of 4H–SiC under 50 keV helium ions implanta-
tion at room temperature. At low fluences, / 6 1016

cm�2, the implanted SiC is still crystalline (c-SiC) but
strained. Fig. 2(a) shows the XRD curve of the 7 ·
1015 He+ cm�2 implanted SiC. The curve shows a main
sharp Bragg peak ðh ¼ hBraggÞ resulting from the unper-
turbed part of the crystal (bulk SiC) and a diffracted inten-
sity toward the low angle side ðh < hBraggÞ. This latter is
ascribed to a dilatation gradient of the lattice along the sur-
face normal direction. A previous study has shown that the
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Fig. 2. (a) X-ray scattered intensity distribution along the direction of
implantation close to the (0004) Bragg reflection in implanted SiC at
7 · 1015 cm�2. The satellite peak (S) denotes the near surface-region, and
(b) cross-sectional view of the damaged layer of the implanted SiC at
5 · 1016 He+ cm�2. The deposited energy density (dotted line) and ion
(continuous line) distributions are also plotted. The arrow denotes the
depth’s range of observable bubbles.
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satellite peak (labelled S on Fig. 2(a)) near hBragg comes
from the near-surface region [25]. The normal strain
ðDd=dÞNðzÞ is found to vary from 1% from the surface up
to 4% in the highly damaged zone (furthest part of the
curve away from hBraggÞ. Both strain values increase with
fluence, they reach 1.5 and about 8% respectively at
1 · 1016 cm�2. The interference fringes result from the
coherent diffraction between two zones of same strain on
either sides of the maximum damage area. With increasing
fluence a continuous amorphous (a-SiC) buried layer is
formed (the selected area diffraction pattern clearly shows
a halo pattern corresponding to the amorphous phase,
see in the inset of Fig. 1) and therefore the normal strain
in the highly deposited energy zone can no more be deter-
mined. In the near-surface region the normal strain still
increases with the fluence, in agreement with the deposited
energy [26]. The width of the amorphous layer, determined
from TEM micrographs, is plotted in Fig. 1 as a function
of the fluence. As an example, the cross-sectional micro-
graph of the implanted sample at 5 · 1016 He+ cm�2 is pre-
sented in Fig. 2(b). The wide damaged layer is made of
three different regions. The central layer is an amorphous
layer whereas the two side regions are crystalline but exhi-
bit a high density of defects near the amorphous layer
(white contrast), not resolvable by conventional TEM.
Small bubbles are readily formed in the deeper part of
the amorphous region. Ion range and damage calculations
have been superimposed on the X-TEM image (Fig. 2(b)).
Bubbles do not form on the entire helium depth distribu-
tion. This indicates that a buried layer of helium bubbles
does not form below some threshold helium concentration,
estimated at about 2%. The damage distribution shows that
amorphization of silicon carbide occurs for deposited
energy of 3–4 · 1021 keV cm�3. Considering these two
thresholds, a fluence of 1 · 1016 cm�2 should avoid both
amorphization and bubble formation; only a contrasted
zone located near the maximum damage deposition is
observed by X-TEM. Increasing the fluence up to
1 · 1017 cm�2 results in the formation of an amorphous
layer extending from the surface to a depth of approxi-
mately 340 nm beneath the surface. Bubbles, 1–2 nm in
diameter, only form in the implanted layer when the helium
concentration exceeds the threshold concentration. The
entire part of the implanted crystal being amorphous, there
is no more satellite peak on the XRD curve and the dif-
fracted intensity, coming from the transition region at the
buried interface, is very low [26].

3.2. Changes in the mechanical properties

Fig. 3 shows the typical load–displacement curves
obtained before (a) and after helium implantation at flu-
ences of 7 · 1015 (b), 2 · 1016 (c) and 1 · 1017 cm�2 (d), cor-
related with the different microstructures. In unimplanted
SiC (a), a pop-in phenomenon, that is an abrupt increase
of the penetration depth at a given load, is observed for
depths ranging from 60 to 80 nm. This effect has been
already reported in SiC [27] and is ascribed in bulk SiC
to the first stage of plastic deformation. The deformed vol-
umes are so small that they can be considered as exempt of
pre-existing dislocations; the first stage of plastic deforma-
tion thus requires homogeneous nucleation of dislocations;
the deformation being elastic for lower penetration depths.
For implanted SiC (b,c,d), no initial pop-in effect is
observed at the beginning of the plastic deformation. The
implantation generated defects promote the dislocation
nucleation even for very low loads (heterogeneous nucle-
ation of dislocations). However, a pop-in is observed at
high fluences (c,d) in the elasto-plastic regime for a penetra-
tion depth close to the buried amorphous/crystalline inter-
face. The presence of this pop-in which is the signature of
the beginning of the plastic deformation of the bulk SiC
substrate, shows that two distinct deformation regimes
are involved in the implanted layer and in the bulk SiC
substrate.

The hardness values against the penetration depth are
plotted in Fig. 4. As seen, in the unimplanted sample (a),
the hardness increases with decreasing penetration depth.
This Indentation Size Effect (ISE) is often observed in crys-
talline materials and ascribed to the increasing contribution
of geometrically necessary dislocations at small scale [28].
The measured intrinsic hardness (asymptotic value) of bulk
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Fig. 3. Typical load–displacement curves performed on unimplanted SiC (a), and helium implanted SiC at different fluences of 7 · 1015 (b), 2 · 1016 (c) and
1 · 1017 cm�2 (d). The pop-in events are marked by arrows.
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4H–SiC is 37 ± 2 GPa, in good agreement with previous
estimates on single crystalline SiC [7]. The elastic reduced
modulus is rather constant with the penetration depth
and is 510 ± 10 GPa. At low fluence (b), for 7 ·
1015 cm�2, no significant changes of hardness values are
shown. The point defects or clusters thereof generated all
along the ion path induce a normal strain contributing at
the ensuing volume change of the implanted region and
promote the dislocation nucleation but do not significantly
contribute to mechanical changes. For the fluence of
2 · 1016 cm�2 (c), the hardness variations against the pene-
tration depth can be divided into three different regions. At
low load (stage I) the hardness values are lower than those
in bulk SiC and decrease with increasing penetration depth.
For penetration depths between 150 and 400 nm approxi-
mately (stage II), the hardness increases. Finally, beyond
400 nm (stage III) the hardness drops and levels off at a
value slightly under the hardness value of single crystalline
SiC (37 ± 2 GPa). These variations will be discussed with
regard to AFM observations (see Section 3.3). For the
highest fluence (d) where the amorphous state takes place
from the as-implanted surface, the hardness values in the
near surface region show a decrease of 50%, that is in good
agreement with previous experimental results on amor-
phous SiC [7]. With increasing load the hardness increases
to reach a value slightly under the intrinsic value; the sub-
strate effect becoming more and more predominant.

3.3. AFM characterization of indents and discussion

Fig. 5 shows the AFM images of the topography around
the nanoindentation imprints. On the unimplanted mate-
rial (a) the inside of the imprints shows unevenness associ-
ated to slip lines due to the emergence of dislocations since
it has been previously established that the plastic deforma-
tion under high stress of (000 1) 6H–SiC is mainly gov-
erned by dislocation nucleation and slip [29]. The indent
also presents a slight bowing in and radial cracks starting
at the corners of the imprint. The bowing in of the imprint
is characteristic of a strong elastic recovery of the indenta-
tion sides that are pinned by the cracks at the corners. No
hillocks are observed, the surrounding surface being flat.

At low fluence, 7 · 1015 cm�2 (b), when no amorphiza-
tion occurs, the mechanical behavior is similar as in
implanted SiC (presence of slip lines, same values of hard-
ness). Nevertheless, no radial cracks are observed (b). High
compressive stress is induced by implantation as shown by
the strain gradient along the vertical axis. The residual
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Fig. 4. Hardness versus maximum penetration depth (hm) curves for unimplanted SiC (a), and helium implanted SiC at different fluences of 7 · 1015 (b),
2 · 1016 (c) and 1 · 1017 cm�2 (d).
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in-plane stress is thus supposed to impede the crack forma-
tion. The as-created defects enhance the dislocation nucle-
ation since no pop-in is observed at the beginning of the
plastic deformation.

For the fluence of 1 · 1017 cm�2 (d), when all the irradi-
ated volume is in the amorphous state, the indentation
imprint reproduces the threefold symmetry of the Berko-
vich indenter. Unlike the unimplanted material, no slip
lines on the inner surfaces of the imprint neither cracks
are observed. For lower penetration depths the deforma-
tion is solely accommodated by the upper part of the
amorphous layer. With increasing penetration depth the
crystalline SiC substrate acts as a barrier for the amor-
phous material flow leading to the formation of hillocks
on the surface, Fig. 5(d), and to the hardness increase,
Fig. 4(d). At penetration depths above 400 nm the plastic
deformation is initiated in the substrate supported by evi-
dence from the pop-in phenomenon and the steady hard-
ness value.

A helium implantation at 2 · 1016 cm�2 (c) results into a
composite system: strained c-SiC/a-SiC/bulk SiC that leads
to a complex hardness/penetration curve with three differ-
ent stages. In stage I, the hardness is lower than in bulk-
SiC. The decrease of the hardness with increasing penetra-
tion is due to both the ISE in the upper c-SiC layer and the
increasing solicitation of the softer buried amorphous layer
(a-SiC). In stage II, the hardness values raise and large hill-
ocks appear around the indent (white spots on the inset of
Fig. 5(c)). Close examination of the imprint shows some
slip lines but only in the deeper part of the residual imprint,
the shallower part being unsheared. This observation
shows that for very low load penetration depths (stage I)
the deformation is accommodated by the implanted c-SiC
(dislocation plasticity). For higher penetration depths the
plastic deformation mainly takes place in the a-SiC layer,
the deformation in the upper c-SiC layer being elastic
(membrane effect). The a-SiC layer attempts to elastically
flex and bends the c-SiC layer which, in turn, resists and
constrains the upward movement of displaced a-SiC mate-
rial, thus increasing its hardness. This effect is drawn on
Fig. 6 after indenter tip removal. This ‘constraining coat-
ing’ effect has been previously explained by McGurk and
Page [30] in case of hard coating on ductile substrate. To
confirm the coating effect and to determine the critical
depth at which the amorphous state is fully solicited, the
volumes of the emerging hillocks (Vh) and of the residual



Fig. 5. Tapping mode AFM images (error signal mode) of nanoindentation imprints in unimplanted SiC (a) and helium implanted SiC at different fluences
of 7 · 1015 (b), 2 · 1016 (c) and 1 · 1017 cm�2 (d). The insets present the corresponding topography images. Cracks on the corner of the imprint are only
observed in unimplanted SiC (see arrows in (a)).

Fig. 6. Drawing of the confining effect induced by the upper strained c-SiC layer during nanoindentation of the 2 · 1016 He+ cm�2 implanted SiC where a
buried amorphous layer is formed (a-SiC) on a crystalline substrate (bulk SiC). In stage I, the plastic deformation takes place in the upper crystalline SiC
layer. In stage II, the deformation is accommodated by the buried amorphous layer and results in hillock formation. In stage III, plastic deformation takes
place in the crystalline substrate. For high penetration depth, the confining effect is also overcome by cracks in the upper c-SiC layer in the hillocks region.
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imprints (Vi) have been determined by AFM. The ratio Vh/
Vi versus the residual penetration depth hp is plotted on
Fig. 7. As for the hardness curve three stages are observed.
In stage I that is at low penetration depth no hillocks are
formed (Vh = 0). In stage II, the ratio of volumes strongly
increases with penetration depth. In stage III, the ratio falls
down due to the activation of plastic deformation in bulk
SiC. The Vh/Vi values have been fitted by using the follow-
ing function:

V h

V i

ðhpÞ ¼
V ðhp � hp0Þ

V ðhpÞ
;

where V(hp) is the volume of an imprint of residual depth
hp calculated from the calibrated shape of the Berkovich in-
denter used in this study and hp0 the residual penetration
depth from which hillocks appear on the surface;
V(hp � hp0) is thus the partial volume of the imprint lying
below hp0. This function fits well the experimental data’s
and gives a critical value of the residual depth hp0 = 55 nm
that corresponds to a maximum penetration depth under
loading, hm, of about 100 nm. This latter value is close to
the transition value from stage I to stage II on the hardness
curve, Fig. 4(c), and shows that the ‘constraining coating’
effect is observed for penetration depths in front of the
strained/amorphous interface. The partial volume of the
imprint, V(hp � hp0), lying between the bottom of the in-
dent hp and hp0, corresponds to the hillocks volumes. This
clearly shows that the hillocks result from the flowing of
amorphous SiC induced by indentation. A large pop-in ef-
fect characteristic of the incipient plasticity in the substrate
is observed on loading curves for maximum penetration
depths of about 400 nm, i.e., when the indenter penetrates
into the substrate. That leads to a drop of the hardness va-
lue (stage III) showing that the substrate undergoes the
deformation overcoming thus the ‘constraining coating’
effect. For maximum penetration depths, hm, of about
600 nm, AFM observations show the bulging and cracking
of the strained c-SiC upper layer. Eventually, the displaced
volume of a-SiC becomes too high to be still constrained by
the upper layer which buckles and cracks.

4. Conclusion

The effects of room temperature helium implantation at
high fluence on the surface mechanical properties and
microstructure of 4H–SiC have been investigated. The
near-surface nanohardness has been found to be dependent
on the helium fluence when exceeds 1 · 1016 cm�2 and
tends to decrease with increasing fluence. Nevertheless at
lower fluences the implantation induces a vertical strain
gradient, suppresses the crack formation and enhances
the dislocation generation avoiding the pop-in effect. With
increasing fluence, a buried amorphous layer is formed as
well around the maximum of the deposited energy density.
The hardness-depth curve shows different stages explained
by a ‘constraining coating’ effect. It is shown that the
appearance of hillocks on the surface is directly related to
the solicitation of the amorphous layer. In particular, a
one-to-one proportionality between the volumes of hillocks
with the volume of the indenter in the amorphous layer has
been observed. At 1 · 1017 cm�2, the entire part of the
implanted crystal is amorphous and a decrease of about
50% in the hardness value is observed. This study clearly
shows that damage created by helium implantation induce
a degradation of the mechanical properties of 4H–SiC and
that for intermediate fluences a composite system forms as
well leading to complexes deformation processes that need
specific studies.
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